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Abstract 

High entropy alloy nitrides (AlCrTiV)N coatings were deposited by cathodic arc evaporation 

at various deposition bias and temperature. The mechanical properties of the as-deposited 

coatings and their oxidation resistance after annealing at various temperatures were analysed. 

X-ray analyses show in all coatings a FCC structure with a (111) preferred orientation up to 

750°C. Up to 600°C, no oxygen penetration is measured in the films while at 800°C, critical 

spalling occurs for all samples. The coating deposited at a temperature of 300°C and negative 

bias of 100 V exhibits the most interesting compromise in both oxidation resistance and 

mechanical performances with a hardness of 40 GPa, a friction coefficient of 0.44 and a wear 

rate of 5.8 .10-7 mm3.N-1.m-1. Annealing in air at 600°C for 2h reduces the wear rate to 2.1 .10-

7 mm3.N-1.m-1 and the surface hardness to 17 GPa. Although annealing forms a thin oxide layer 

that reduces the hardness on the surface of the coating, it also averages the hardness inside the 

film to 33 GPa regardless of the deposition bias. 
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Introduction 

An important part of the research in the machining industry is focused on improving the 

lifetime of cutting tools. These tools are used in extreme conditions and need high wear 

resistance, oxidation resistance and excellent mechanical properties at high temperatures. 

Commercial nitrides like TiN, TiAlN or CrAlN [1] are often deposited on tungsten carbides to 

take advantage of their high hardness and high temperature properties [2] while some hard 

coatings are also multi- or nano-layered to enhance their properties [3]. 

In the last decade a new class of material, High Entropy Alloys (HEA), has seen a drastic 

increase in interest for many fields [4] from nuclear science [5] to medicine [6] as well as 

additive manufacturing [7], catalysis [8] and especially machining [9,10]. HEAs are made of 

multiple principal elements, each participating between 5 and 35 at.% of the composition 

[11,12]. The mixing of many principal elements with various properties increases the 

configurational entropy. High configurational entropy may lead to single-phase solid solutions, 

usually with a cubic nanocrystalline structure or amorphous. These multi-principal element 

systems often display distorted lattices with sluggish diffusion [13], cocktail effect [13,14] and 

interesting mechanical properties such as increased ductility [15–17], high hardness [15–18] 

and great resistance to wear [10,19] and oxidation [14,19]. Many studies show that the 

introduction of nitrogen into an HEA film increases its hardness and wear resistance even in 

extreme conditions to the point that some High Entropy Alloy Nitride (HEAN) coatings are 

proposed by reviewers as replacements for protective coatings like TiN, TiAlN or CrN in the 

machining industry [9,20,21]. 

Aluminium, titanium and chromium elements are extensively used in those 

compositions for their effects [22–25] on structure, strengthening and oxidation resistance of 

alloys. Vanadium is often used to improve the frictional and wear properties thanks to its atomic 

size deforming the crystal structure of both BCC and FCC alloys [3,26]. The metal AlCrTiV is 



already studied for its mechanical properties as a lightweight alloy [27–29] and could be used 

in applications where the properties/cost ratio of compositions using hafnium or tantalum as 

strengthening elements [21,30,31] would be too high. 

The properties of commercial nitride coatings are linked to the deposition process 

[32,33]. Inserts for machining are usually coated with Chemical Vapor Deposition (CVD) or 

Physical Vapor Deposition (PVD) processes [34]. Coatings deposited through the cathodic arc 

evaporation PVD process show great advantages such as high deposition rate [1,34,35], high 

ionization ratio [1,34,35] and the formation of stoichiometric nitride without closed loop control 

of the N2 flow [21,36,37] compared to other conventional PVD methods such as Direct Current 

Magnetron Sputtering (DCMS) and High Power Impulse Magnetron Sputtering (HiPIMS). In 

this study, (AlCrTiV)N coatings are deposited through cathodic arc evaporation at different 

substrate temperature and bias voltage. The mechanical properties as well as the oxidation 

resistance of these coatings are investigated. 

 

Experimental details 

 (AlCrTiV)N as HEAN coatings were deposited using a PLANAR cathodic arc 

evaporation system developed by Platit AG (Switzerland) with three arc targets (Ti, V and 

Cr60Al40) and a DC sputtering Al target. Because of the CrAl target composition and its low 

weight, Al tends to deposit less than the other elements by arc process on the substrate. Hence 

a DC sputtering target was used to compensate the deficit of Al from the arc target and obtain 

a quite equimolar composition. The coatings were deposited on mirror polished circular AISI 

M2 HSS (63 HRc, Ø 30 mm and 8 mm thick) samples and mirror polished 304L stainless steel 

flat coupons. Before deposition, all substrates were cleaned with ethanol and soap water then 

rinsed with clean water and dried. The substrates were fixed at 100 mm of the targets on a 

carousel turning at 7 rpm with double rotation. Their surfaces were first etched under 80 sccm 



of Ar and 70 A of current applied on the Ti target while the substrate bias was fixed at -700 V. 

Then a Ti buffer layer about 0.17 ± 0.06 µm thick followed by an interlayer of TiN (~ 0.30 ± 

0.06 µm) were deposited to enhance the adhesion of the HEAN coating. The HEANs films were 

deposited under a N2 flow rate of 90 sccm with currents of 90, 60 and 90 A respectively applied 

on the Ti, V and Cr60Al40 arc targets for 90 minutes. Each target was powered by a separate 

Fronius DPS 2500 arc generator. The Al DC sputtering target was powered by a Solvix Magix 

3kW pulsed-DC sputtering generator set at 2200 W in DC-mode. The substrate bias was 

controlled by a Solvix Magix 10 kW pulsed-DC bias generator. The deposition temperature, 

controlled by thermocouples on the two radiant heaters set opposite to each other on the walls 

of the reactor, varied between 200, 300 and 400°C and the negative substrate bias changed 

between 50, 100 and 150 V. 

Although the bias voltage is always negative, the minus sign is not written to simplify 

notations and avoid confusions in the name of the samples. Each sample is named with 

“AlCrTiV” followed by its deposition bias voltage and temperature, e.g., AlCrTiV-50V-200C 

was-deposited with a 50 V negative bias voltage at 200°C. 

The surfaces of the samples and their brittle fracture cross-sections were observed with 

a JEOL JSM-7800F field emission gun scanning electron microscope (FEG-SEM) at a working 

distance of 10 mm with either 15 or 5 kV of acceleration voltage and a scanning probe of 2 nA. 

The compositions were measured with a Bruker Quantax energy dispersive X-ray spectrometer 

(EDS). The structure of the samples was determined with a Bruker D8 X-ray diffractometer 

(XRD) in Bragg Brentano configuration with a Co source (λCo = 0.178897 nm) at a voltage of 

35 kV and a current of 40 mA between the 2θ angles 20 and 110° with an increment step of 

0.2° every 0.2 s. 

Hardness and effective Young’s modulus were measured with a CSM nanoindentation 

instrument (NHT). A Berkovich diamond tip was used as indenter at a loading and unloading 



rate of 10 mN.min-1 to a maximum load of 20 mN. The penetration depth is lower than 10% of 

the coating thickness to exclude substrate influence [38]. The results are averaged using at least 

10 measurements estimated with the Oliver and Pharr method [39]. The tribological properties 

were evaluated with a CSM ball-on-disc tribometer using a 6 mm diameter WC/Co ball as 

counter material at a constant load of 10 N sliding with a 3 mm radius circular movement for 

30 000 laps (565 m) at 0.1 m.s-1. The friction coefficient µ used is the average of the measures 

in the last 65 m (~3500 laps). The standard deviation between those measures is kept as error 

bars. All tests were performed at room temperature (~20°C) and relative humidity of about 

40%. The wear track was investigated 4 times per sample with an Altisurf 500 profilometer 

equipped with an inductive probe to measure the mean wear volumes. The wear rate (W) is 

calculated with the equation W = Vw / (L * S) using the mean wear volume (Vw), the normal 

load (L) and the sliding distance (S). The coating thickness was measured using a SCM 

Instruments Calotest with a 25 mm steel ball and a Leica DM 2400M optical microscope. 

The samples were annealed in a Borel TL 1100-8 oven under air at different 

temperatures to test the oxidation resistance of the coatings. Each annealing temperature (from 

400 to 800°C with a 50°C increment) was reached with a 100°C/h heating ramp and maintained 

for 2h. Samples are slowly cooled by turning off the heat and waiting for the closed oven to 

cool down to room temperature. After each annealing, the oxidation of the samples was 

investigated using XRD, SEM, EDS and a Horiba GD-OES (Glow Discharge Optical Emission 

Spectroscopy) analysis.  

 

Results and discussion 

 Coatings composition and thickness 

The atomic composition and thickness of each coating is presented in Figure 1. All nine 

(AlCrTiV)N samples are multi-element equiatomic compounds with about 50 ± 3 at.% nitrogen 



and around 12.5 ± 1 at.% Al, Ti, V and Cr according to EDS measurements. The relative 

composition of metals (see Figure 1 (a)) shows that all samples are targeted composition. At all 

deposition temperatures, Al content slightly decreases as the bias voltage increases, which is 

attributed to preferential resputtering of Al. 

The average thickness of the coatings presented in Figure 1 (b) is about 4.9 ± 0.4 µm. 

The deposition temperature does not seem to have a significant impact on the coating thickness 

between 200 and 300°C, but a slight increase in the film thickness is observed at 400°C. The 

coating thickness decreases with increasing bias voltage because of both densification and re-

sputtering effects. A part of the energy used in both effects is dissipated as heat, increasing the 

film temperature. This may explain the difference in coating thickness between the AlCrTiV-

100V-200C and 100V-300C samples as the importance of the energy contribution of the bias 

on the temperature rises with decreasing deposition temperature. 

 

Film morphology and structure 

X-ray diffraction patterns of the (AlCrTiV)N coatings are displayed in Figure 2 and 

show the influence during deposition of bias voltage on the samples deposited at 300°C in graph 

(a) and the influence of substrate temperature on the samples deposited at 100 V in graph (b). 

Four diffractograms are not displayed in this figure to ease the lecture of the graphs. The 

diffractogram of each sample can be found in the Supplementary data. All coatings share the 

same FCC structure with an intense peak at 2θ ≈ 43.6° corresponding to the (111) plans and 

two smaller peaks at 51 and 96° corresponding to the (200) and (222) plans, respectively. The 

smaller peak at 39.5° is an instrument detector anomaly related to the 𝐾! radiation of the Co 

source, due to the high intensity peak at 43.6°. 

In the diffractogram from Figure 2 (a), the relative intensity of the (111) plans increases 

with increasing negative deposition bias while the intensity of the (200) plans is unchanged. 



This shows the importance of the deposition bias on the texture of the film [40]. Figure 2 (a’) 

focuses on the (111) plans contribution and shows that an increase in deposition bias reduces 

the full width at half maximum (FWHM), indicating an increase in grain size. This grain growth 

is promoted by the heat generated from the incoming particles accelerated by the negative bias, 

raising the film temperature above the deposition temperature. The crystallite size calculated 

from the (111) peak of theses diffractograms using the Debye-Scherrer formula [41] seems to 

follow this trend with a grain size going from 24 ± 3 nm (50 V) to 34 ± 4 nm (100 V) and finally 

to 37 ± 4 nm (150 V).  

A similar effect appears in Figure 2 (b’), although it is mostly visible at high 

temperatures, where an increase in deposition temperature induces a slight decrease in FWHM. 

As mentioned before, increasing the temperature of the sample increases atomic mobility, 

densifying the coating and leading to an increase in grain size [42]. According to calculations, 

this increase in grain size is not significant enough compared to our measurement error: 31 ± 4 

nm (200C), 34 ± 4 nm (300C) and 33 ± 4 nm (400C). This confirms the observations of Chang 

et al. [42] on reactive DC magnetron sputtered (AlCrMoSiTi)N that the influence of substrate 

bias on grain size is greater than the influence of deposition temperature. 

The lattice parameter is calculated from the (111) peak of Figure 2 (b’) using Bragg’s 

law [43] and the value is comprised within 4.16 ± 0.02 Å for all samples regardless of deposition 

temperature. A slight shift towards higher diffraction angles in Figure 2 (a’) with increasing 

deposition bias are observed indicating the lattice parameter decrease. This decrease of the 

lattice parameter is due to the release of compressive stress in the film related to the heat 

generated by the incoming particles accelerated by the bias voltage. 

 

 

 Mechanical properties 



The hardness and the Young’s modulus of each sample are shown in Figure 3 (a) and 

(b) respectively. The surface of films deposited by arc evaporation is extremely rough because 

of the droplet effect. After polishing with a 2400-grade abrasive paper, the bigger droplets are 

removed but leave craters next to the smaller droplets, accounting for large error bars. The 

samples deposited at 400°C exhibit the lowest hardness values between 14 ± 4 and 22 ± 6 GPa. 

Coatings deposited at 300°C mostly displayed higher hardness than their counterparts. 

Maximum hardness values are achieved for 100 V bias. The increase in hardness from 50 V to 

100 V is explained by the increase in compressive stress in the coating. The decline in hardness 

above 100 V follows our hypothesis that the residual compressive stress is reduced because of 

the heat generated by the increased bias voltage. However, the sample 150V-200C did not show 

any decline in hardness probably because the film temperature reached was not high enough to 

release the residual stress effectively. The maximum hardness was obtained for the sample 

deposited at 300°C and 100 V with 40 ± 6 GPa. 

The Young’s modulus of the coatings follows an evolution relatively similar to the 

hardness, with the lowest values for the films deposited at 400°C. Both Young’s modulus and 

hardness decrease at 400°C. This effect could be explained by the relaxation of the compressive 

stress in the coating at higher temperatures. The H/E and H3/E2 ratios (presented in 

supplementary data) follow the same evolution as the graphs (a) and (b) from Figure 3. 

The increase in bias voltage tends to densify the film and increase the compressive stress 

owing to the increasing average energy per impinging species. This is expected to increase the 

hardness, as can be seen with samples deposited at 200°C. But for the samples deposited at 300 

and 400°C, a peak in hardness and modulus is attained at 100V of negative bias voltage. The 

slight decrease of hardness at 150V is ascribed to the heat generated by the accelerated particles 

at higher bias voltage that tends to relax some of the compressive stress. Similar results with a 

deposition at 100 V negative bias voltage inducing a peak in hardness were found by Chang et 



al. [42] with the DC magnetron sputtering of (AlCrMoSiTi)N and Sobol et al. [36] with the 

vacuum-arc deposition of (AlCrTiZrNbV)N and (AlCrTiNbSi)N. The hardness of the sample 

100V-300C is on par with the hardness of nitride coatings usually used for machining like TiN, 

TiAlN or CrAlN [3,44] that revolves around 35 GPa and the hardest HEANs of the literature 

that reach around 40 GPa [9,45]. Sobol et al. [36] managed to obtain a hardness of 55 GPa by 

vacuum-arc deposition of (HfTiZrNbV)N but Johansson et al. [46] reached at most 19 GPa 

with the same composition using reactive magnetron sputtering, showing the importance of 

deposition technology, especially through the ionization rate of the discharge. 

 Figure 3 (c) shows the influence of deposition temperature and bias voltage on the 

friction coefficient of the samples measured via a ball-on-disc tribological test. EDS mappings 

(presented in supplementary data) on all samples confirm the absence of substrate elements in 

the track. As shown by Figure 3 (c), the friction coefficient increases with increasing deposition 

temperature. The friction coefficient increases with the negative bias voltage up to 0.510 ± 

0.004 for the films deposited at 400°C while, for the films deposited at 200 and 300°C, a slight 

decrease appears for the friction coefficient of the samples deposited with 100 V of bias voltage. 

The lowest value of friction coefficient is attained at 100 V for the film deposited at 200°C with 

0.409 ± 0.005. The friction coefficient of HEANs in the literature varies between 0.15 [30] and 

0.8 [21], depending on the composition. The experimental conditions of the tribological tests 

like the configuration (ball-on-disc, ball-on-plate…), the counterpart composition (Steel, 

WC/Co, Al2O3…) and the sliding speed, among others, vary greatly with each study. This 

highlights the need for standardised tests [47] to facilitate comparisons between coatings. 

Figure 3 (d) represents the influence of the deposition temperature and bias voltage on 

the wear coefficient of the coating. Many parameters [47,48] besides hardness and friction 

coefficient influence the wear of a coating, like the surface roughness or the debris. The surface 

of arc deposited films is extremely rough, as shown in Figure 4, and difficult to differentiate 



with the coating pushed back by the WC ball, hence the important error margins in Figure 3 

(d). At a deposition temperature of 200°C, there seems to be no effect of the bias as the wear 

coefficient stays at its lowest value of 5.8 ± 0.8 10-7 mm3.N-1.m-1. The samples deposited at 

higher temperatures show the highest wear coefficient of 8.8 ± 1.3 10-7 mm3.N-1.m-1 when 

deposited at 50V of bias voltage. The lowest wear coefficient is also reached by all samples 

deposited with 100V of bias voltage regardless of the deposition temperature. A few HEANs 

in the literature reach wear rates as low as 2.3 10-7 mm3.N-1.m-1 [49] or 3.23 10-7 mm3.N-1.m-1 

[50] by depositing (AlCrTiVZr)N through HiPIMS and (CrVTiNbZr)N through high ionization 

cathodic arc respectively. However, most HEANs display a wear rate in the 10-6 mm3.N-1.m-1 

order of magnitude [9,30] or higher [21].  

 

Oxidation resistance 

To study the evolution of the oxidation resistance of the films, the coatings deposited 

on M2 substrates were annealed for 2 h in air at different temperatures from 400 to 800°C. Up 

to 750°C, the surface oxide layer gradually increased with increasing temperature without any 

sign of coating deterioration while at 800°C all samples were completely oxidized and 

presented critical spalling. 

XRD patterns were made after each annealing in air and are compiled in Figure 5 (a) for 

the 100V-300C sample. There is no significant change below 700°C in the crystalline structure 

for all deposition configurations compared to as-deposited patterns. The preferred orientation 

of all samples is the (111) direction up to 750°C. According to diffraction data†, some oxides 

and nitrides based on Al, Ti, V or Cr and their combinations share similar structures with close 

diffraction peak angles to the observed FCC ones. Therefore, the contribution from the surface 

 
† JCP 03-065-2899, 00-025-1495, 03-065-4307, 01-085-1381, 01-089-3660, 01-077-0047, 01-077-2173, among others. 



oxides is not intense enough to be significantly differentiated from either the measurement noise 

or the HEAN pattern below annealing at 700°C. 

After annealing at 700 and 750°C, new peaks start appearing at 2θ = 32.1 and 33.3° that 

could correspond to the (110) plans of TiO2 (JCP 01-089-4920). After annealing at 800°C, the 

main FCC (111) peak at 2θ = 44° and the small peak at 33.3° disappear while the peak 32.1° 

becomes the most intense with a twin at 32.7° that seem to correspond to the (111) plans of a 

mixed oxide like Al2TiO5 (01-070-1434) or CrVO4 (00-015-0296). 

After annealing at 800°C, the diffractograms of all samples are similar to those observed 

by Esmaily et al. [27] after annealing at 900°C for 24h of bulk AlCrTiV: peaks attributed to 

various oxides such as TiO2, Al2O3 and V2O5 with some mixed oxides like TiVO4. 

 Figure 6 shows GD-OES depth profiles compared with surface SEM observations of the 

150V-200C sample after annealing at 600, 700 and 750°C. Oxygen rich crystallites grow on 

the surface with increasing temperature as shown by the inserts. The contribution of titanium at 

the interface between the film and the substrate around 3-3.5 µm relates to the pure Ti and TiN 

buffer layers. Passed this interlayer, the composition of the steel substrate is observed. 

At 600°C, the nitrogen is depleted in the first 50 nm from the surface and replaced by 

oxygen. Similarly, the initial proportion of metallic elements shifts with a vanadium and 

aluminium enrichment of the oxidized area. 

At 700°C, the oxygen diffuses up to 200 nm in depth from the surface. At 750°C, the 

oxygen diffusion accelerates and reaches about 900 nm in depth. Aluminium is present in higher 

proportions than the other alloying elements up to about 550 nm in depth. It seems the oxygen 

rich layer is divided in two parts: an outer layer made mainly of aluminium with varying 

amounts of Ti and V and an inner layer containing an excess of Cr before the transition into the 

HEAN film. The oxygen rich crystallites multiply to cover most of the surface. Two types of 

crystallites are visible on the SEM image in Figure 6. The faceted ones grow up to 1.2 ± 0.2 



µm, according to measurements made with the ImageJ software, and they contain an excess of 

vanadium and aluminium according to EDS measurements. The needle and sheet-like ones 

grow up to a few microns in length and a hundred nanometres in depth and contain an excess 

in titanium and aluminium. At 800°C, macroscopic adhesive spallation occurs on all samples, 

including samples deposited on stainless steel substrates. GD-OES measurements are not 

presented but show an oxygen penetration from the surface of the film up to the substrate 

Esmaily et al.’s study [27] shows that after 24h at both 700 and 900°C under air, the 

oxide layer is composed of oxides layers first rich in V, then rich in Ti, then Al and finally rich 

in Cr about 20 µm in depth from the surface. The GD-OES measurement made in the present 

study showed an excess of Al in the first 100 nm from the surface of the samples after all 

annealings below 800°C. The presence of other elements usually reduces the resistance to 

oxygen diffusion of a mixed aluminium oxide compared to pure alumina [51]. Therefore, the 

mixed oxides on the surface of the films are probably not a passivation layer but they are 

slowing down the oxygen penetration. 

The same coatings, deposited on 304 stainless steel substrates, were annealed directly 

at 750°C for 2 hours in air to observe their oxidation resistance without the aging effect of 

successive annealing that may have formed the protective layer slowing the oxygen diffusion 

in the previously annealed samples. The ratios in percentages of oxygen penetration on the total 

thickness measured by GD-OES for each film after annealing are presented in Figure 7, as an 

alloy usually expands with the penetration of oxygen. For all deposition temperatures, an 

increase in deposition bias significantly increases the penetration of oxygen in the film after 

annealing and for all deposition bias, an increase in deposition temperature tends to reduce 

oxygen penetration. Both effects can be explained by a penetration of oxygen into the film 

through defects: incoming particles create more defects when they are accelerated by a higher 



bias voltage while higher temperature favours the annihilation of defects with increased atomic 

mobility. 

The sample 150V-200C displays an oxygen penetration of 77% of the film in Figure 7 

while in Figure 6 it is equivalent to 22% of the film. This underlines the effect of the thermal 

treatments history of the film on its oxidation behaviour. Nevertheless, the operating 

temperature limit of 750°C is an improvement compared to TiN [44], often used on machining 

inserts, and some HEANs [9] as they are usually fully oxidised at 700°C though other standard 

machining coatings like CrAlN or TiAlN [44] and other HEANs [7] show great oxidation 

resistance at 900°C and above. 

 

Mechanical properties after annealing at 600°C 

 (AlCrTiV)N films deposited at 300°C showed the most interesting combination of 

mechanical properties and oxidation resistance. The first oxygen rich layer appears on their 

surface at 600°C though oxygen barely penetrates the film, as shown in Figure 6. The 

mechanical properties of films annealed at 600°C for 2 hours in air, without previous thermal 

treatment, are shown in Figure 8 in dashed line (annealed in brown and polished after annealing 

in red) with the results of the as-deposited samples (plain lines) for reference. 

 

According to Figure 8 (a), the maximum hardness value of 40 ± 6 GPa achieved by the 

as-deposited samples diminished to 17 ± 3 GPa after 2 hours at 600°C in air. This hardness is 

similar to that of TiN or CrN coatings after annealing at the same temperature for 1 hour [44]. 

The slight decrease in hardness with increasing deposition bias for the unpolished annealed 

samples is within measurement error but should result from a slightly thicker oxygen rich layer 

with increasing bias voltage. Furthermore, both H and E of the annealed samples are close to 

those of the samples as-deposited at 400°C, despite the relaxation of some of the compressive 



stress in the coating and the important contribution of the surface oxygen rich crystallites that 

should be softer than the nitride beneath. The samples were polished with 1200-grade SiC paper 

until the surface oxygen rich crystallites were removed to measure the hardness in the bulk of 

the annealed coating without the contribution of the oxygen rich crystallites. Hardness of the 

polished annealed coatings reached 33 ± 3 GPa and E 500 ± 40 GPa, regardless of the deposition 

bias. Theses coatings hardness is almost double that of the commercial TiN and CrN coatings 

after annealing at 600°C [44]. The small decrease in hardness compared to the as-deposited 

sample at 100 V is probably a result of the relaxation of the compressive stress as EDS 

measurements show no significative variation in composition and the increase in calculated 

grain size in within measurement error. However, the increase in hardness for the samples 

deposited at 50 and 150 V shows that a different strengthening mechanism than residual stress 

is hardening the film. Higher temperatures favour grain growth and calculations show a 

tendency toward increased grain sizes within measurement error. The Hall-Petch effect usually 

shows strength peaks with grain sizes in the 20-30 nm range but it could be shifted toward the 

30-60 nm range because of the atomic size differences in HEANs grains as it does for artifact-

free nanocrystalline copper [52]. 

Figure 8 (c) shows that the friction coefficient µ is higher for annealed samples than as-

deposited ones, except for the sample deposited at 150 V. Several studies show that the 

formation of oxides during wear tests tends to reduce wear as the oxides act as lubricant, 

especially vanadium oxides [3,53]. On the one hand, this effect may explain the decrease in 

friction coefficient. On the other hand, the surface oxygen rich crystallites lower the superficial 

hardness of the film which in turn is expected to increase the friction coefficient. In Figure 8 

(d) the already low wear coefficient of the as-deposited samples at 5.8 ± 0.2 .10-7 mm3.N-1.m-1 

is further reduced after annealing to 2.1 ± 0.8 .10-7 mm3.N-1.m-1.  



However, an increase in friction coefficient is usually correlated with an increase in 

wear rate. The oxide debris on the harder coating beneath might have a peculiar effect on both 

the friction coefficient and the wear rate as they are probably softer than both the carbide ball 

and the nitride coating. 

SEM images of the fracture cross-section from the samples annealed at 600°C are 

presented in Figure 9 and show that all coatings remain dense after annealing. The fracture of 

each coating is brittle. 

 

The present paper dealt with equimolar AlTiCrV nitride. According to Hsieh et al.[54], 

who studied (Al23.1Cr30.8Nb7.7Si7.7Ti30.7)50N50 and (Al29.1Cr30.8Nb11.2Si7.7Ti21.2)50N50 films that 

displayed at most a 100 nm thin oxide layer after annealing in air for 2 h at 900°C, a higher Al 

and lower Ti content tend to increase the oxidation resistance of the film because of the superior 

oxygen diffusion inhibition of Al oxides [51] compared to rutile-TiO2. Therefore, non-

stoichiometric compositions of (AlCrTiV)N might further increase the properties of the HEAN, 

especially regarding high-temperature oxidation resistance. 

 

 

Conclusion 

 (AlCrTiV)N HEANs coatings were prepared by cathodic arc evaporation and their 

mechanical properties and oxidation resistance were studied. XRD measurements revealed that 

the as-deposited FCC coatings have a (111) preferred orientation slightly promoted by the 

negative deposition bias voltage and the deposition temperature below 300°C. The mechanical 

properties of samples deposited at 400°C are degraded by the relaxation of the compressive 

stress in the coating. The film deposited at 100 V and 300°C shows the most promising 

mechanical properties with 40 and 583 GPa of hardness and Young’s modulus respectively, a 



friction coefficient of 0.44 and a wear coefficient of 5.8 .10-7 mm3.N-1.m-1. These mechanical 

properties are on par with the coatings used commercially on machining inserts or other HEANs 

and the wear rate is especially low. No oxygen penetration in the film was observed below 

600°C as a thin Al-rich oxide protective layer forms on the surface of the films. The coatings 

show great mechanical properties even after annealing at 600°C for 2h in air with wear rate 

reduced further to 2.1 .10-7 mm3.N-1.m-1 while maintaining an acceptable hardness at 17 GPa 

on surface and a high hardness of 33 GPa in the bulk of the film. While critical oxidation and 

spalling occurs at 800°C, this coating may qualify for standard machining in future works. 
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List of figure captions 
 
Figure 1: (a) HEAN thin film composition (in at. % ± 1 %) measured by EDS and (b) film 
thickness vs deposition conditions: bias voltage (V) and substrate temperature (°C). 
 
Figure 2: XRD patterns showing influence of the deposition conditions (a) negative bias voltage 
and (b) substrate temperature on the FCC structure of the (CrAlTiV)N coatings deposited on 
M2 substrates. 
 
Figure 3: Influence of deposition bias voltage and substrate temperature on the (a) hardness H 
and (b) Young modulus E measured by nano-indentation and the (c) friction and (d) wear 
coefficients measured by tribological tests of (CrAlTiV)N films deposited on M2 substrates 
 
Figure 4: Example of a measurement of the wear track with the tribometer on the 100V-300C 
sample after the tribological test. 
 
Figure 5: XRD patterns of the sample 100V-300C after each annealing with patterns shifted 
vertically in decreasing annealing temperature from top to bottom 
 
Figure 6: (left) Atomic composition in depth measured by GD-OES and (right) SEM images of 
the surface of the sample 150V-200C after annealing at 600, 700 and 750°C 
 
Figure 7: Influence of deposition temperature and bias on the film oxidation after annealing at 
750°C for 2 hours in air. Film oxidation is the ratio of the thickness of the oxidized film on the 
total thickness of the film measured by GD-OES. 
 
Figure 8: Influence of annealing for 2h in air at 600°C for the (CrAlTiV)N films deposited at 
300°C (brown dashed lines) compared to as-deposited samples (plain lines) on (a) hardness H, 
(b) Young’s modulus E, (c) friction coefficient and (d) wear coefficients. H and E were also 
measured after polishing the surface of the samples to remove the oxides (red dashed lines). 
 
Figure 9: SEM images of the brittle fracture cross-section made from the samples deposited at 
300°C after annealing at 600°C in air for 2h. 
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